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Plastic deformation mechanism in nanotwinned metals: An insight
from molecular dynamics and mechanistic modeling
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Abstract—An overview is given of the deformation mechanisms in nanotwinned copper, as studied by recent molecular dynamics,
dislocation mechanics and crystal plasticity modeling. We highlight the unique role of nanoscale twin lamellae in producing the hard
and soft modes of dislocation glide, as well as how the coherent twin boundaries affect slip transfer, dislocation nucleation, twinning
and detwinning. These twin boundary-mediated deformation mechanisms have been mechanistically linked to the mechanical prop-
erties of strength, ductility, strain hardening, activation volume, rate sensitivity, size-dependent strengthening and softening in nano-
twinned metals. Finally, discussions are dedicated to identifying important unresolved issues for future research.
� 2012 Acta Materialia Inc. Published by Elsevier Ltd. All rights reserved.
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1. Introduction

Ultrafine-grained copper (grain size� 1 lm) contain-
ing layered growth nanotwins (lamella thickness � 20 nm)
exhibit an unusual combination of ultrahigh yield strength
(�1 GPa) and high ductility (�14% elongation to failure)
[1,2]. This unique nanotwinned metallic system has been
the subject of intensive research in the past several years.
It represents a novel class of nanostructuredmaterials that
opens up exciting possibilities of engineering the coherent
internal boundaries to achieve unprecedented properties
[3–5]. It is also an ideal model system where the high-level
control of nanostructure processing and characterization
facilitates a direct coupling between experiments andmod-
eling [6,7]. Such coupled studies are crucial to advance the
understanding of deformation mechanisms in nanostruc-
tured materials [8,9].

In this paper, a brief overview is provided of the
deformation mechanisms revealed by recent modeling
studies. Among different modeling approaches, molecu-
lar dynamics (MD) simulations have been performed to
obtain an atomically resolved understanding of disloca-
tion–twin boundary (TB) interactions [10–18]. Recently,
massively parallel MD has been employed to study the
strengthening and softening in polycrystalline nanotwin-

ned metals with more realistic three-dimensional micro-
structures and size scales [6,19]. To overcome the time
scale limitation of MD, the atomistic reaction pathway
was modeled to investigate the effects of temperature
and strain rate on plastic yielding on the time scale of
laboratory experiments [7]. Furthermore, the mechanis-
tic modeling of dislocation mechanics and crystal plas-
ticity facilitates a direct connection between
macroscopic deformation behavior and the underlying
dislocation mechanisms [20–26]. These modeling studies
have underscored the unique role of coherent TBs in the
deformation mechanisms of nanotwinned metals.

2. Size-strengthening is mediated by hard and soft modes
of slip

In nanotwinned metals the high strength originates
from the size-strengthening effect associated with nano-
scale twin lamellae. This is consistent with the com-
monly recognized notion of “the smaller, the stronger”
in nanocrystalline metals [27]. To appreciate such a
twin-size strengthening effect, we recall that in conven-
tional face-centered cubic (fcc) polycrystalline metals
the plastic deformation is usually produced by disloca-
tion glide on 12 equivalent {111}h110i slip systems. It
is well established that grain boundaries, which are gen-
erally incoherent, can impede the movements of disloca-
tions. Continued plastic deformation requires the
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applied load to achieve a critical level, so as to activate
the dislocation sources and activities in neighboring
grains. As a result, the grain size becomes a strength-
controlling microstructural length scale. In nanocrystal-
line materials, dislocation glide is limited by the de-
creased grain size, which generally results in an
increase in strength. Within nanosized grains, the 12
{111}h110i slip systems are still equivalent. However,
the confined volume of nanograins tends to suppress
the formation of trailing partials, thus promoting the
activities of partial dislocations [28].

In contrast tonanocrystallinematerials, nanotwinned fcc
metals possess two characteristic microstructural length
scales: the relatively large grain size, d, and the small twin
thickness,k. The former is typically on themicrometer scale,
while the latter canbe experimentally controlled in the range
of a few to tens of nanometers [2]. A direct consequence of
the two drastically different length scales is the creation of
hard and soft modes of dislocation glide [21,22]. Consider,
for example, the extended dislocations in the 12
{111}h110i slip systems, as represented by either of the
double Thompson tetrahedra in Figure 1(a). Importantly,
these {111}h110i slip systems are no longer equivalent, ow-
ing to the presence ofTBs.Depending on the orientations of
the slip plane and the slip vector relative to the twin plane,
they can be classified into three categories: (i) hard mode I
(both the slip plane and Burgers vector are inclined to
TBs), represented by the dislocation in blue in Figure 1(a);
(ii) hard mode II (the slip plane is inclined to TBs, but the
Burgers vector is parallel toTBs), representedby thedisloca-
tion ingreen; and (iii) softmode (both the slipplaneandBur-
gers vector are parallel to TBs), represented by the
dislocation in orange. The slip resistances in both hard
modes I and II are large due to the constraints of the small
TB spacing k on dislocation glide. In contrast, the slip resis-
tance in the soft mode is much lower, because of less con-
straint as a result of the relatively large grain size d.

Activation of either the hard or soft mode of disloca-
tion glide can be controlled by the loading orientation.
Each slip mode, in turn, generates plastic shear or the
equivalent tensile/compressive deformation in a specific
orientation for accommodating the imposed displace-
ments. Furthermore, different slipmodes are usually asso-
ciatedwith different dislocation sources. As schematically
shown in Figure 1(a), hard mode I usually corresponds to
the dislocations nucleated from the TB sources (e.g.
ledges) or transmitted from the adjoining twin lamellae.
Since the primary slip systems can be determined based
on the largest resolved shear stress, a simple analysis of
the Schmid factors indicates that hard mode I can be acti-
vated favorably by imposing tension/compression per-
pendicular to the twin plane. For hard mode II,
dislocations usually nucleate near grain boundaries, tra-
verse through the slender twin lamellae and stop near
grain boundaries at the opposite side of the twin lamella.
This hard mode of slip can be activated favorably by
applying tension/compression parallel to the TB. In the
extreme case when the maximum shear stress is oriented
parallel to the twin plane, the softmode of slip dominates,
producing tension/compression at 45� to the twin plane.

As discussed earlier, the small microstructure size, i.e.
the nanoscale TB spacing, tends to encourage the activities
of partial dislocations in the {111}h112i slip systems. In

particular, the glide of twinning partials on TBs mediates
the TB migration, giving rise to the deformation-induced
twinning or detwinning that leads to either hardening or
softening behavior [6,17,29,30], as will be further discussed
later. The studies of soft and hardmodes of slip in terms of
both extended and partial dislocations provide a useful ba-
sis for understanding the plastic responses of nanotwinned
metals, particularly in the cases where the local load is al-
ready known or can be well controlled. Examples include
columnar-grained thin film containing nanotwins [31–
33], twinned nanowires and nanopillars [34,35], and trans-
mission electron microscopy experiments of dislocation–
twin interactions [17,36]. Finally, it should be noted that,
in polycrystalline samples containing a large number of
randomly oriented grains, deformation compatibility at
grain boundaries usually requires the simultaneous opera-
tion of several slip systems. This is necessary to allow the
grain to deform to shapes demanded by its neighbors. In
such cases, the macroscopic plastic flow involves the oper-
ation of both the hard and soft modes of slip, as shown in
Figure 1(b) and (c) [6]. While the nanometer-scale twin
thickness appears to play a central role in strengthening
[21–24], how the interplay of the two slip modes affects
the apparent strength is not yet well understood.

3. Dislocation–twin boundary interactions

The coherent TBs in nanotwinned metals are not only
responsible for their unique strengtheningmechanisms by
providing the hard and softmodes of slip, but also play an
important role in rate sensitivity, activation volume,
strain hardening and size softening [5]. To study these
mechanistic effects, it is essential to understand the ele-
mentary processes of dislocation–TB interactions. Since
the density of TBs increases with decreasing twin thick-
ness, such interactions become increasingly frequent
and thus more important in nanoscale twin lamellae.

As shown in Figure 1, TBs can oppose the expansion of
dislocation loops for both hard mode I and II. To sustain
plastic deformation, the obstructed dislocations may ex-
pand laterallywithin the slender twin lamellae, leaving be-
hind long segments near TBs. Such dislocation segments
tend to cut across the TB, transmitting into the adjoining
twin lamellae. Alternatively, they may be absorbed into
coherent TBs, where dislocations can easily glide to leave
room for subsequent absorption. Another possibility is
that the dislocations within TBs may desorb into the twin
lamellae, forming lattice dislocations. These processes of
dislocation absorption, desorption and direct transmis-
sion are generally referred to as slip transfer [37].

Atomistically detailed studies of slip transfer have
been performed by MD [10–12]. The simulation results
have revealed important differences between screw and
non-screw dislocations. For a screw dislocation parallel
to the intersection between the incoming and outgoing
slip planes, its slip transfer does not leave a remnant dis-
location component in the twin plane, as shown in Fig-
ure 2(a and b). However, the slip transfer of non-screw
dislocations does, as shown in Figure 2(a and c). More
importantly, the athermal shear stress of instantaneous
slip transfer for a screw dislocation is estimated to be be-
tween 300 and 400 MPa [7,10,12], while that of a non-
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screw dislocation can be as high as 1 GPa [11]. Such a
large discrepancy between the critical shear stresses of
slip transfer seems to imply that the screw and non-
screw dislocations play different roles in controlling the
strength of ultrafine-grained nanotwinned Cu, but this
issue has not been fully explored.

To understand the temperature effect on slip transfer,
atomistic reaction pathway modeling was performed by
using the nudged elastic band (NEB) method [7]. This
approach does not suffer from the same time scale limi-
tation as MD. From the NEB calculations, the mini-
mum energy paths and associated activation energy
barriers can be determined for dislocation absorption,
desorption and transmission at the TB. Figure 2(b)
shows an example of a NEB calculation on the absorp-
tion of a screw dislocation into a coherent TB. Accord-
ing to the transition state theory, at finite temperatures a
reaction with a finite energy barrier would occur within
a finite time with the aid of thermal fluctuations. At
room temperature, slip transfer with an energy barrier
of about 0.7 eV should occur frequently on the typical
time scale of laboratory experiments (�1 ms). Note that
increasing the stress can lower the energy barrier of the
slip transfer. It follows that one can take the stress that
gives an energy barrier of 0.7 eV as the critical load of
the slip transfer at room temperature. For the slip trans-
fer of a screw dislocation across TB, the critical shear
stress at room temperature was estimated to be about
70% of the athermal critical stress [7]. A similar temper-
ature effect is expected for non-screw dislocations.

The atomistic reaction pathway modeling also pro-
vided insights into the strain-rate effect, usually charac-
terized in terms of activation volume and rate sensitivity.
Nanotwinned Cu has been measured with reduced acti-
vation volume and increased rate sensitivity, and com-
pared with its twin-free counterparts [21,38,39].
Computationally, one can determine the activation vol-
ume by calculating the energy barriers at different ap-
plied stresses, then taking the numerical derivative of

the energy barriers with respect to stress. The NEB cal-
culations have shown that slip transfer at the TB gives
characteristically small activation volumes, 10 � 20b3

(where b is the Burgers vector length) [7], consistent with
experimental measurements [21]. Such small activation
volumes imply that only a small group of atoms are in-
volved during the thermal activation of slip transfer.
This can be appreciated by examining the saddle-point
atomic structure in a slip transfer reaction, as shown
in Figure 2(b). The figure reveals essentially a cross-slip-
ping process of local constriction of the stacking fault in
the original slip plane and simultaneous bow-out in the
cross-slipped plane. From the mechanics standpoint, the
small activation volume, V �, in nanotwinned Cu can be
attributed to the fact that the material is subjected to an
ultrahigh stress r at the gigapascal level, so that the
stress work rV � associated with a small activation vol-
ume can lower the effective energy barrier to a level suf-
ficient to initiate slip transfer at a TB within the time
scale of laboratory experiments (seconds to minutes).
In addition, a dislocation pile-up model has been devel-
oped to rationalize the twin size dependence of activa-
tion volumes in terms of relative importance of the
intra- and inter-twin dislocation mechanisms [21,38,39].

Recent MD simulations [24,40] have also revealed an
intrinsic capability of TBs to trap a high density of disloca-
tions. In these simulations, a crack is introduced in front of
a TB, as illustrated in Figure 3(a). When the sample is
loaded, the crack serves as a “dislocation gun” that shoots
out a massive number of dislocations toward the TB. As
these dislocations impinge on the TB, they either remain
in, slip across, ordecompose into residual and transmission
dislocations on the TB. In this way, the TB becomes deco-
rated with a high density of dislocation debris, transform-
ing into a dislocation wall, as illustrated in Figure 3(b and
c). This dislocationwall blocks further dislocationmotion,
resulting in strainhardening [24], andbecomes increasingly
impenetrable to further slip transmission, rendering theTB
more resistant to crack propagation [40].

a b

c

Figure 1. Twin-boundary-mediated dislocation activities in nanotwinned fcc metals. (a) Schematics of hard modes I (blue) and II (green) and soft
mode (orange) of dislocation glide; the double Thompson tetrahedra indicate the {111}h1 1 0i slip systems in the two adjoining lamellae. (b) Atomic
configuration from a massively parallel MD simulation, showing the formation of a large number of dislocations during the plastic deformation of
nanotwinned polycrystalline Cu [6]. (c) A magnified snapshot showing three-dimensional (3-D) dislocation structures; the dislocations intersect
(black and grey arrows) or lie parallel to (purple arrows) the TBs [6]. The scale bars in (b and c) are 5 nm. (For interpretation of the references to
colour in this figure legend, the reader is referred to the web version of this article.)
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Figure 3(d) indicates that there exists a boundary layer
near the TB where dislocation densities are much higher
than elsewhere. The dislocation wall is found to span
about 6 nm across the TB, irrespective of the local dislo-
cation density and the strain level, which is consistentwith
experimental observations and the twin-boundary-af-
fected-zone model [21]. In situ tensile experiments inside
a transmission electron microscope have demonstrated
that dislocation-wall-strengthened TBs can strongly con-
fine crack nucleation and resist crack propagation, lead-
ing to crack bridging by nanoscale twins [40].

4. Strain hardening and size softening

In addition to dislocation glide and slip transfer,
coherent TBs can also critically affect dislocation nucle-
ation, multiplication, twinning and detwinning, which
underlie the unique strain-hardening and size-softening
behavior of nanotwinned Cu. A high rate of strain hard-
ening was measured during the initial stage of plastic
deformation [41]. Such strain hardening behavior is
highly desirable, as it serves to delay the onset of neck-
ing, thus promoting tensile ductility. In addition, the
strongest size was revealed in nanotwinned Cu [2]. It
was shown that the strength increases with decreasing
twin thickness, reaching a maximum at about 15 nm,
followed by a softening at smaller values.

To understand the TB-mediated strain hardening, we
note that, in nanocrystalline materials, dislocation mul-
tiplication and accordingly strain hardening are severely
limited by the confined space within the equiaxed nano-
grains. However, nanotwinned metals possess two dras-
tically different microstructural length scales of grain
size and twin thickness. While the nanometer-scale twin
thickness appears to play a central role in strengthening,
the micrometer-scale grain size can effectively facilitate

strain hardening. Within the slender twin lamellae, dis-
locations could multiply and accumulate in directions
parallel to the TBs, forming tangles that subdivide the
twin lamellae, thus leading to strain hardening [29].
Moreover, there exists significant stress concentration
at the intersections between TBs and grain boundaries.
These intersections can act as sources of dislocation
nucleation. The dislocations, once nucleated, can easily
glide on the coherent TBs. As discussed earlier, this soft
mode of slip leads to the migration of TBs, causing twin-
ning or detwinning. As those dislocations move away
from the nucleation sites, space is created for subsequent
dislocation nucleation. Figure 4(a) shows an MD snap-
shot at a point when a large number of dislocation loops
have nucleated from the grain boundary–TB intersec-
tions [6]. Since the plastic deformation induced by the
soft slip mode alone cannot easily be made compatible
between adjoining grains, an alternative explanation
for the observed high rate of strain hardening is that
the incompatible plastic deformation is compensated
for by elastic deformation, leading to a rapid build-up
of back stresses in individual grains to resist further dis-
location nucleation and propagation.

To understand the twin-size-dependent softening, we
note that reducing the twin thickness in the grains can
produce more intersections between grain boundaries
and TBs, and thus more easy sources of dislocation
nucleation. This can lead to the increased rate of dislo-
cation nucleation under the same load, or equivalently
the decreased flow stress for sustaining the same plastic
strain rate. Such twin-size-mediated softening of
strength has been qualitatively confirmed by MD simu-
lations [6]. Furthermore, a theory has been developed by
considering the kinetics of dislocation nucleation and
available source density (i.e. the number of grain bound-
ary–TB intersections) in such materials, so as to link the
MD simulations with experiments. In this theory [6], the

a

b

c

Figure 2. Atomistic modeling of dislocation–TB interactions. (a) Schematics of dislocation absorption and transmission at a TB. (b) The NEB result
showing the atomistic pathway of dislocation absorption; the initial and final state is a straight screw dislocation consisting of the leading and trailing
partials, while the saddle-point state (the middle image) involves a 3-D process of constriction and simultaneous bow-out of stacking faults [7]. (c)
MD snapshots of slip transmission, showing an impinging non-screw dislocation decomposed into a transmitted partial dislocation and a dislocation
lock at the TB [11].
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strength of the material depends on both TB spacing k
and grain size d,

r ¼ DU
SV � �

kBT
SV �

� �
ln

d
k
� mD
_e

� �
ð1Þ

where DU is the activation energy at zero stress, S is a
factor representing local stress concentration and geom-
etry, V � is the activation volume, kB is the Boltzmann
constant, T is temperature, mD is the Debye frequency

and _e is the macroscopic strain rate. Figure 4(b) shows
a comparison of the yield stress from the experimental
data, the model predictions based on Eq. (1) and the
MD simulation results [6]. Both simulations and the the-
ory consistently show that TB spacing governs the soft-
ening in nanotwinned metals. Figure 4(b) also indicates
that the onset of softening depends on the grain size: the
smaller the grain size, the smaller the critical twin-
boundary spacing and the higher the maximum strength
of the material.

Figure 3. MDsimulationsof the twin-boundary-affected-zone (TBAZ) throughthe interactionbetweenapre-existingTBanda largenumberofdislocations
generated froma crack tip [24]. (a) Schematic viewof the simulation sample. (b)A snapshot of dislocation structures, showing that the TBhas become awall
ofhighdislocationdensitywhichcanharden thematerial byblocking furtherdislocationactivities. (c) Patterns ofdislocation structures remainingon theTB.
(d) Dislocation density distribution near a twin plane, showing the characteristic thickness of the TBAZ to be around 6 nm.

Figure 4. Twin-boundary-mediated softening in nanotwinned Cu [6]. (a) MD snapshot showing that a large number of dislocation loops nucleate
from grain boundary–TB intersections (scale bar = 5 nm). (b) Comparison of experiment, MD and modeling prediction from Eq. (1) for the yield
stress as a function of TB spacing at different grain sizes.
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5. Prospects for future research

In summary, nanotwinned metals offer substantial
potential for achieving superior properties by engineer-
ing the coherent internal interfaces. Molecular dynamics
and mechanistic modeling have provided novel insights
into the nanotwin-mediated deformation mechanisms.
Among a vast list of potentially intriguing directions
for future research, several areas present particularly
pressing needs. For instance, how the interplay between
the hard and soft modes of slip controls the deformation
compatibility and consequently affects strength and duc-
tility is not well understood. Similarly, going beyond the
unit-process study, it is important to study how the mac-
roscopic mechanical properties are governed by the
interplay of different slip transfer modes at TBs. This
study should involve various combinations of incoming
and outgoing edge and screw dislocations, as well as the
competing processes of twinning and detwinning that
are particularly encouraged by the large number of
intersections between TBs and grain boundaries. Com-
bining in situ experiments with mechanistic modeling
represents a promising approach to addressing these is-
sues [17,42].

Most of the current studies have been focused on
nanotwinned Cu. The potential of other types of nano-
twinned metals remains largely unexplored [43,44].
Modeling studies of a variety of fcc metals have indi-
cated that TB-mediated strength, ductility and twin sta-
bility can be critically influenced by stacking-fault-
related properties, such as the stacking fault energy,
unstable stacking and twinning energies [45,46]. Even
for Cu, how to make bulk nanotwinned samples [47]
and how to elucidate the mechanisms related to fracture,
fatigue, damage tolerance and irradiation resistance are
just beginning to be studied [48,49]. Figure 3 and associ-
ated discussions give an example of molecular dynamics
modeling that provides insights into the crack-tip and
TB interactions, while more systematic studies are
needed in the future. Tackling these problems presents
many challenges and opportunities for experimenters
and modelers to work together to understand, control
and optimize the remarkable properties of nanotwinned
metals.
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